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Abstract
In this study, three techniques for measuring gamma/gamma prime lattice 
mismatch were examined on two alloys, each of which had two different ageing 
heat treatments, i.e. standard age and overaged. Each alloy contained a 
different Re content so that the effect of this element on lattice mismatch 
also could be investigated. The techniques used for measuring lattice 
mismatch were x-ray diffraction, convergent beam electron diffraction and 
interface dislocation analysis. Additionally, the electron microprobe was 
used to examine bulk homogeneity and a scanning transmission electron 
microscope equipped with a Kevex X-ray EDS system was used to examine phase 
compositions. From this study it was determined that the x-ray diffraction 
data and the CBED data yield the same results for room temperature lattice 
mismatch, although CBED requires a significant amount of data in order to be 
useful due to the scatter in the technique. The dislocation analysis 
technique gave larger negative values of mismatch. It is believed that these 
latter values represent those which exist at the aging temperature (1079°C). 
No effect of Re on lattice mismatch was observed, possibly due to the fact 
that the lower Re alloy contained more W.
Acknowledgements
The author wishes to express his sincere appreciation to Professor Hamish 
Fraser and Dr. Robert Field for their enthusiastic guidance, support and 
perseverance on this project. Numerous discussions with these dedicated 
individuals and fellow graduate students has vastly contributed to an 
increased knowledge and interest in the field of metallurgy. In addition, the 
members of General Electric Engineering Materials Lab are certainly to be 
acknowledged for their support, encouragement and efforts on this project.
Finally, the author wishes to thank his wife Denise and those relatives 
and friends who encouraged this educational pursuit. Their support has made 
this effort for the best.
And, of course, to Debbie Davis many thanks for her patience and 
assistance with this thesis.
This work was supported by the General Electric Company, Engineering 
Materials Technology Laboratory in Evendale, Ohio. The electron microscopy 
and x-ray diffraction studies were performed in the Center for Microanalysis 
in the Materials Research Laboratory at the University of Illinois.
VTable of Contents
Chapter Page
1.0 Introduction ...............................................  1
2.0 Background.................................................  3
2.1 Alloying of Nickel-base Superalloys ....................... 3
2.2 Lattice Mismatch...........................................  6
2.3 Techniques for Measuring Lattice M i s m a t c h................  8
2.3.1 Dislocation Analysis.......................................  8
2.3.2 Convergent Beam Electron Diffraction....................... 9
2.3.3 X-ray Diffraction .........................................  17
3.0 Experimental Procedure .....................................  20
3.1 Material Preparation .......................................  20
3.2 Transmission Electron Microscopy........................... 20
3.3 X-ray Diffraction.........................................  22
3.3.1 Specimen Preparation.......................................  22
3.3.2 X-ray Diffraction Procedure ............................... 22
3.4 Microchemical Analysis .....................................  23
3.4.1 Electron Microprobe .......................................  23
3.4.2 Energy Dispersive Spectrometry of the Phases................ 24
4.0 Results ...................................................  26
4.1 Transmission Electron Microscopy........................... 26
4.1.1 Morphology.................................................  26
4.1.2 Investigation of Interface Dislocations..................  26
4.1.2.2 Lattice Mismatch from Edge Dislocations ...................  30
4.1.3 Convergent Beam Electron Diffraction.......................  33
4.2 X-ray Diffraction .........................................  45
4.3 Microchemical Analysis.....................................  48
4.3.1 Electron Microprobe.......................................  48
4.3.2 Energy Dispersive Spectrometry of the Phases................ 58
5.0 Discussion.................................................  61
5.1 Discussion of Results from the Different Techniques . . . .  61
5.2 Discussion of Metallurgical Aspects ....................... 64
6.0 Conclusions ................................................  67
References.......................................................... 69
11.0 Introduction
Ni-base superalloys have many applications in aircraft engines due to 
their high strength and excellent environmental properties at high 
temperatures. For example, Ni-base superalloys have been used extensively in 
turbine blades. Improvements in the processing and design of these alloys 
have allowed for increased operating temperatures for the turbine blade, 
resulting in increased engine efficiency. One improvement in the processing 
has been the transition from equiaxed materials to single crystals. The use 
of single crystals results in enhanced properties for three major reasons. 
Firstly, grain boundaries, which are inherently weak at high temperatures, are 
eliminated. Secondly, parts may be fabricated with high strength 
crystallographic directions aligned along stress directions. Thirdly, 
elements which are added to multigrained alloys specifically for grain 
boundary strength are no longer required so that a higher degree of 
flexibility is afforded in alloy design. Consequently, considerable effort 
has been expended in recent years to design alloys which take advantage of 
these unique properties of single crystals.
One particular approach in the designing of these alloys is to manipulate 
the lattice mismatch between the gamma (fee) matrix and gamma prime (ordered 
fcc-L^). Adjustments in the lattice mismatch precipitates by judicious 
alloying can have a marked effect on the alloy's mechanical properties. In 
order to study the effect of alloying on lattice mismatch, one needs to be 
able to measure the lattice parameters accurately and know how to interpret 
the data from various measurement techniques.
The aim of this study is to investigate two aspects of this problem. The 
first is to compare three of the currently available techniques for measuring
2lattice mismatch. Two of these techniques arise from transmission electron 
microscopy (TEM). These are convergent beam electron diffraction (CBED) and 
interface dislocation analysis. The former technique involves the use of 
higher order Laue zone (HOLZ) lines found in the bright field discs of CBED 
zone axis patterns. In the latter technique the spacing between the 
gamma/gamma prime interface dislocations is measured to determine lattice 
mismatch. The third technique is X-ray diffraction, in which closely spaced 
diffracted peaks from the two phases are separated using a high resolution 
diffractometer and computer-based analytical procedures. It is important to 
gain an understanding of the strengths and limitations of each of these
i
techniques, and indeed to know that which is being measured, in order to 
properly interpret the data and, ultimately, to relate the findings to 
mechanical properties.
The second aspect of this investigation is to study the effect of rhenium 
on controlling lattice mismatch in alloys containing 55 to 65% gamma prime.
As will be discussed in Section 2, rhenium is known to be a good strengthener 
in the nickel base superalloys, but its role is not totally understood.
32.0 Background
In alloys containing a second phase, there generally is a difference in 
lattice parameters between the two phases, even if the second phase is 
completely coherent with the matrix. This difference is termed the lattice 
mismatch and is given by:
where ap = lattice parameter of the precipitate 
am = lattice parameter of the matrix
Much work has gone into the techniques of measuring lattice mismatch and its 
effects upon alloys. In order to understand the importance of lattice 
mismatch in superalloys, a knowledge of the basic physical metallurgy of these 
alloys and how they are affected by various alloying additions is necessary. 
Therefore, the background will be divided into three sections: Alloying of
Nickel-base Superalloys, Lattice Mismatch and Techniques for Measuring Lattice 
Mi smatch.
2.1 Alloying of Nickel-base Superalloys
Nickel-base superalloys contain two major constituent phases. The matrix 
phase is a solid solution of Ni which is generally referred to as gamma and 
has an FCC structure. The gamma prime phase is an ordered intermetal1ic 
compound (LI2) in which the nickel atoms occupy the faces while the aluminum 
atoms occupy the corners of an FCC cell, as consistent with its Ni^Al 
stoichiometry.
Other elements are added to the nickel base superalloys to serve several 
functions5 ’^ . Some are added to decrease the stacking fault energy which
4increases the distance between partial dislocations. This increases the 
strength because the partial dislocations have to either cut through the 
barrier impeding their motion or constrict before cross slipping around the 
barrier. The greater the separation between the partials the greater the 
amount of energy that has to be placed on the partials to make them constrict 
before cross slipping.
Other elements are added to change the Antiphase Boundary Energy (APB) in 
the ordered gamma prime phase. When a dislocation of the 1/2 <110> type on 
the (111) plane glides through the gamma prime it will leave in its wake an 
antiphase boundary. Since energy is required to form this APB, the 
dislocations must move through the gamma prime phase in pairs. The so-called 
superdislocation, consisting of two 1/2 <110> superpartials separated by an 
APB, is one of many possible dislocation configurations in the LI2 structure. 
One of the most potent high temperature strengthening mechanisms in these 
alloys is believed to involve cross-slip of the leading 1/2 <110> super­
partials onto a {100} plane, where APB energy is lower. The dislocation cores 
then dissociate into 1/6 <112> partials on {111} planes resulting in a sessile
• 99configuration. 11 Thus APB energy and its anisotropy, as well as stacking 
fault energy, controlling the dissociation of the superpartial cores, can have 
a profound effect on high temperature strength. Still other elements are 
added as solid solution strengthened of the gamma and gamma prime phase, to 
improve environmental properties and to control the partitioning of the other 
elements.
Where and how these elements partition depend upon atomic radius, 
electron vacancy number7 ’® (Nv) or more recently the metal-d number (md) 
and the influences of the other elements. The gamma prime formers usually 
have a high electron vacancy number (Nv) in comparison to nickel and therefore
5will substitute for the A1 sites in the gamma prime. A1 itself has an atomic 
radius of 1.82 A which is 11% larger than Ni , and has an Nv number of 7.66.
Ta, which will substitute for A1 , has an atomic radius of 2.09 A and an Nv 
number of 5.66. It partitions significantly to the gamma prime, such that
o
approximately 0.95 of the Ta content is found in this phase . Ti is added to 
strengthen gamma prime and substitutes for A1. It has an atomic radius of
2.00 A and an Nv number of 6.66. It expands the gamma prime lattice4 and 
decreases the lattice mismatch between the gamma and gamma prime phases in 
alloys having negative mismatch.
Other elements may be added to the alloy to change the lattice mismatch 
as well as other properties. However, with any addition the effect is complex 
in that the addition of one element may change how another partitions. For 
instance Mo, which has an atomic radius of 2.01 A and an Nv number of 5.66, 
will substitute for A1 in the gamma prime when Ti5 is not present, but when Ti 
is added it partitions more extensively to the gamma matrix. Cr, with an 
atomic radius of 1.85 A and an Nv number of 4.66 is similar to Mo in its 
interactions with Ti and its influence upon mismatch. Increasing the Cr 
content increases both the gamma and gamma prime lattice parameters, but its 
effect is greater in the gamma matrix since the Cr partitions more to this 
phase.
In recent years Re has gained attention as a strengthener of Ni base 
superalloys^. It is thought to control lattice mismatch without affecting 
other properties, such as APB energy. Re, which has an atomic radius of 
1.97 A and an Nv number of 3.66, partitions mainly to the gamma phase but will 
also reside in the gamma prime in the presence of W^. The partitioning of 
this element between gamma and gamma prime is thought to correspond to the
6ratio 0.8:0.6 by weight and, with its low Nv number, it most likely will 
substitute for the Ni in the gamma prime.
The main effect of Re on nickel base superalloy appears to be in the 
inhibition of diffusion-controlled coarsening of the gamma prime. Because of 
the low solubility of Re in gamma prime, it has to diffuse away from the 
interface as the gamma prime coarsens. Re is a slow diffusing element, like 
W. Thus, Re diffusion will control coarsening. There are two theories to 
account for the gamma prime growth^. The first is interface controlled 
growth, in which it is assumed that the Re level is constant; i.e., 9c/3x = 0 
at the interface where 3c is the change in concentration and 3x is the change 
in distance. The second is diffusion controlled growth, where 3c/3x * 0 
at the interface. The interface controlled theory predicts precipitate growth 
as : a = (k11 ) where a is half the mean length of gamma prime cubic particle 
edges, k' is a constant, and t is the time. For the diffusion controlled 
theory particle growth is predicted as a = (kt)*^. The obvious difference in 
these two theories is in the exponent of each equation. Each theory has its 
inherent problems but it is the diffusion controlled theory that is described 
in literature as being the most valid over most conditions covered by 
experiments. The interface controlled growth theory assumes that the surfaces 
of the gamma prime precipitates are coated with some trace impurity which 
would inhibit the growth of the gamma prime. The amount of the impurity
required to form a single atomic layer on the surface of all particles would
23be prohibitively large .
2.2 Lattice Mismatch
Lattice mismatch has long been associated with alloy strengthening, but 
it is not completely understood. At low temperatures^ (i.e. T < 0.5 T^ )
7coherency strains which develop in the gamma phase serve as potent 
strengthened. At high temperatures (T > 0.6 Tm ) it has been traditionally 
believed that a lower lattice mismatch is desired to reduce coarsening.
Therefore, in designing an alloy, knowledge of its operational environment is 
required in order to design for optimum properties.
Another property which the lattice mismatch may affect is the morphology of 
the gamma prime . Heat treatments are performed to produce a stable morphology 
for the gamma prime at the temperature at which the component is to be operated. 
In the initial stages of precipitation, a spherical precipitate forms, with 
lattice mismatch from 0.0% to + 0.2%7. Continued ageing produces a cubic 
precipitate with lattice mismatch from 0.0% to ± 1.0% and size between 1000 A and 
1 ym. Prolonged ageing produces an incoherent precipitate surrounded by a 
network of interface dislocations that form to accommodate the lattice mismatch.
In recent years directional coarsening and rafting of the gamma prime in
single crystal alloys has generated interest. This latter effect involves the
formation of plate-like gamma prime precipitates which develop perpendicular to
the applied stress direction and is believed to be promoted by high negative
lattice mismatch values^4 . Th i s rafting begins during primary creep when
the initially cuboidal gamma prime precipitates link up to form the plate-like
precipitates. In certain alloys this provides an improvement in rupture life of
up to 300-400%^. The reason for this improvement is that the rafted gamma
prime provides an additional barrier to dislocation climb. Thus, with
dislocation climb, the more dominant high temperature creep mechanism prevented
from occurring, the only deformation process that can occur will be the shearing
30 31of the gamma prime precipitates
8Over the years much work has been done on the correlation of the lattice
3 4mismatch to the mechanical strength of Ni-base superalloys. Maniar et al ’ 
investigated the effect of Mo additions in varying Ti/Al ratio alloys on the 
stress rupture life of these alloys. The Mo was used to control the lattice 
mismatch. They concluded that the lattice mismatch between the gamma and 
gamma prime has a critical effect on the stress rupture life. This is 
additionally supported by Miller et al6 and Grose et al5. They examined the 
effect of lattice mismatch on mechanical properties by using various alloying 
additions to effectively control the lattice mismatch, APB energy, and volume 
fraction of gamma prime. They also reported on effect of lattice mismatch on 
the strength of these alloys. For these studies, it was concluded that there 
is a linear relationship between the gamma/gamma prime lattice mismatch and 
the strength of the alloy in the temperature range of 25 to 800°C after 
accounting for the weight fraction of gamma prime. It is therefore desirable 
to measure the lattice mismatch accurately so that a meaningful assessment of 
the effect of lattice mismatch on mechanical properties can be made.
2.3 Techniques for Measuring Lattice Mismatch
In this investigation three techniques for measuring the lattice mismatch 
have been compared using three alloys with two different heat treatments. Two 
of the techniques make use of transmission electron microscopy. The first of 
these involves the analysis of interfacial dislocations from bright field 
images, while the second involves convergent beam electron diffraction. The 
third technique for measuring lattice mismatch makes use of X-ray diffraction.
2.3.1 Dislocation Analysis
In two phase alloys where the phases are not fully coherent, interface 
dislocations develop to accommodate the lattice mismatch. These interface
9dislocation nets h^ve been characterized in many materials. Weatherly et al
OQ
have examined the nets in various alloys using TEM techniques. Brown et al 
have proposed theories for the nucleation of these dislocation nets in 
accommodating the lattice mismatch. In the nickel-base superalloys, Lasalmonie 
et al18 and Lindoors14 have characterized the types of interface nets that 
occur. Lasalmonie describes the structure as a two dimensional hexagonal 
dislocation net. The dislocations intersect at three fold node and are edge in 
nature with the extra half plane extending into the crystal with the smaller 
lattice parameter. The three dimensional interface produces the Lord Kelvin's 
polyhedron or tetrakaidecahedron as shown in figure 1. This shape describes 
the closest approach to a sphere in a cubic solid. On the octrahedral {111} 
planes, there is a hexagonal dislocation net, as shown in figure 2, while on 
the {001} planes there is an octagonal dislocation net as shown in figure 3.
By measuring the distances between certain consistent sets of dislocations, the 
lattice mismatch can be determined.
2.3.2 Convergent Beam Electron Diffraction
In convergent beam electron diffraction, the specimen is illuminated with 
a convergent beam18 of electrons. This produces discs in the back focal plane 
instead of the points of diffracted intensity that form in the standard 
selected area diffraction (parallel illumination). The convergence of the beam 
is controlled by three elements in the double condenser lens system. The first 
condenser lens is operated at a voltage which produces a small crossover 
point. The condenser aperture needs to be as large as possible since it 
controls both disc overlap and the convergence angle of the beam. The second 
condenser lens is used to produce the fine probe at the specimen. These
28
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Figure 1
A [001]
[010]
Lord Kelvin's polyhedron or tetrakaidecahedron. The squares are 
the {001} type planes and the hexagons are the {111} type planes.
11
re 2 Hexagonal dislocation net on the {111} type planes of the 
tetrakai decahedron.
12
Fi gure 3 Octagonal dislocation net on the {001} type planes of the 
tet rakai decahedron.
13
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conditions can produce a convergence angle of approximately 1° or 1.7 x 10"
radians. Figure 4 shows the ray diagram of a specimen and the disc produced
15 17in the back focal plane. *
These discs of diffracted intensity result from the intersection of the 
Ewald sphere with cylinders in the zero order layer of the reciprocal 
lattice. The height of the cylinders is inversely proportional to the 
thickness of the foil. As the scattering angle is increased, the Ewald sphere 
becomes more displaced from the zero order Laue zone and the interactions with 
the reciprocal lattice disks become less significant. As the scattering angle 
continues to increase the Ewald sphere intersects the higher order layers.
This produces circles of diffracted intensity known as the higher order Laue 
zone (HOLZ) rings. The first ring, arising from the intersection of the Ewald 
sphere with the first order Laue zone (FOLZ), is shown schematically in 
figures 4 and 5. In figure 5, a CBED pattern from the [114] zones axis of a 
gamma prime precipitate is shown. This pattern contains both first (FOLZ) and 
second (SOLZ) order Laue rings.
For e\ery excess intensity line in the HOLZ ring, there is a deficient 
line in the central disc. The positions of these lines are very sensitive to 
small changes in lattice parameters*5’*5 . This is because the HOLZ 
reflections generally come from planes with large Miller indices and 
therefore, small interplanar spacings and correspondingly large Bragg 
angles. Small changes in interplanar spacings result in relatively large 
shifts in the positions of these reflections. These shifts are projected back 
into the bright field disc as the deficient HOLZ lines. By comparing the 
experimental HOLZ patterns to analytical patterns, lattice parameter can be 
assigned to the phase, but this is not necessarily an accurate measurement,
14
FO LZ Ring
Figure 4 Ray diagram for convergent beam electron diffraction (left)
showing disc produced in the back focal plane. The lower right 
figure shows the construction of the zero and first order layers 
which are intersected by the Ewald sphere to form the FOLZ ring 
(upper right).
15
Figure 5 Convergent beam electron diffraction patterns from the 114 pole.
Upper figure is a low camera length pattern showing the diffracted 
disc from the zero order layer and the FOLZ ring. Lower figure is 
a high camera length image from the central disc showing the 
deficient lines.
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since the exact wavelength of the electrons is unknown. However, the 
difference between lattice parameters measured for two patterns can be 
calculated with considerable precision and from this the lattice mismatch can 
be accurately determined.
However, there are factors^’*'7 which may reduce the visibility of these 
lines. The first is foil bending, which can produce a range of orientations 
within the area illuminated by the beam. This will result in "spreading out" 
of the HOLZ lines making them more diffuse. This condition can be corrected 
by using a smaller probe size, thus reducing the range of orientations within 
the beam. The second is foil thickness. For the lines to be observed, the 
foil needs to be approximately 3 to 8 extinction distances thick. Thicker 
sections will produce sharper lines but too thick a region will reduce the 
contrast of the lines. The third problem is lattice strain. This phenomenon 
can broaden and diffuse the HOLZ lines. Also lattice strain produced between 
two phase can lead to a change in the position of the HOLZ lines. Kaufman et
O 1
a 1 ^ A have shown the existence of lattice distortion in a y/y'/ci-Mo 
directionally solidified alloy. This will be discussed in more detail in 
section 4.1.3.
The factors which will affect HOLZ line position are foil tilting, energy 
loss and lens aberrations^5^ .  Foil tilting can cause intrinsic loss in 
symmetry in the CBED, therefore the foil normal should be as parallel with the 
beam as possible. Energy losses are produced by inelastic electron scattering 
in the specimen and this can lead to a shift in the HOLZ line position. Lens 
aberrations can also produce distortions in the HOLZ lines. This could occur 
for example, if final alignment is done by tilting the beam instead of the
f oi 1.
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Another factor which may affect the HOLZ lines is surface relaxation in 
the thin foil. Fraser et al.33,34 have investigated this effect in strained- 
layer superlattices of semiconductor materials using CBED. They have found 
that surface relaxations do occur and that they will affect the HOLZ line 
pattern.
Despite the problems, the use of CBED for measuring lattice mismatch in 
Ni-base superalloys has received much attention, especially since several 
investigators have observed an effect of lattice mismatch on the mechanical 
properties of these types of alloys. Since this technique is sensitive to 
small changes in lattice parameter, it can be used to effectively measure 
lattice mismatch smaller than the 0.2% lower limit encountered using x-ray 
techniques.
Ecob et al15 have examined the theories of CBED and have described its 
applications to lattice parameter measurement. They also have examined the 
technique on several Ni-base superalloys (Nimonic 80A 90 105 115) and compared 
their results to published x-ray data. From this they have concluded that 
CBED is very effective for examining lattice mismatch with high spatial 
resolution. Additionally, they have used the technique to measure the lattice 
parameter as a function of distance from the gamma/gamma prime interface. By 
combining CBED and X-ray EDS techniques, they were able to correlate lattice 
mismatch with changing element concentrations in the diffusion zone
1 O
surrounding gamma prime particles ».
2.3.3 X-ray Diffraction
X-ray diffraction is the one technique that is used most frequently for 
measuring lattice mismatch. However, this technique, as with CBED, has its 
share of problems. The noticeable deficiency with this technique is that it
18
is not able to measure lattice mismatch values smaller than 0.2%. Also the 
form and/or heat treatment of the material will play a major role in the 
lattice mismatch that is measured. A good deal of the difficulty associated 
with this technique arises from the separation of the diffraction peaks from 
gamma and gamma prime so that the lattice parameters can be measured.
There are several methods to separate the phases, either physically or by 
certain x-ray techniques, to obtain lattice parameters. One technique used to 
measure the gamma lattice parameter is to fully solution the material and 
quench from the solutioning temperature in the hope that no gamma prime 
precipitates during quenching. This can present a significant problem in the 
high gamma prime alloys (50 to 70 V/o). The precipitation kinetics for gamma 
prime are extremely fast and, therefore, trying to suppress its formation in 
the high gamma prime alloys may be difficult. Obtaining the lattice parameter 
of the gamma from the specimen in this condition will only yield a lattice 
parameter of a supersaturated solid solution. This will not be representative 
of the gamma phase in the equilibrium condition. Another technique to measure 
the gamma lattice parameter is to measure it when the gamma prime is 
unconstrained. The lattice parameter of both phases can be measured from the 
material in this condition. Here the lattice parameter for the gamma will be 
non-saturated and an unconstrained lattice mismatch will be measured. But the 
value of the lattice mismatch in the constrained condition cannot be obtained 
from this method.
As for measuring the lattice parameter of the gamma prime, two techniques 
have been used. The first is to extract the gamma prime from the gamma matrix 
by electrolytic extraction. The lattice parameter obtained from the extracted 
gamma prime may not be the same as that of the in-situ lattice parameter, 
since it is and extracted the gamma prime may relax. Also, some gamma may not
19
be completely removed from the gamma prime and this will contribute to the x- 
ray data. The second technique is to measure the lattice parameter from the 
in- situ gamma prime using the primary diffracted peak or using the 
superlattice diffraction peak. The primary reflection will contain both the 
gamma and gamma prime reflections, and it may be difficult to differentiate 
between the two peaks. The superlattice reflection can be used for the gamma 
prime, but it has a very low intensity in superalloys. This can be a problem 
in the low gamma prime alloys because the intensity of the diffracted peak is 
proportional to the amount of the phase present. The problems with in-situ 
measurements, especially in the constrained condition, is that coherency 
strains in the gamma phase will broaden its diffraction peak, and if the 
lattice mismatch is small, overlap of the gamma and gamma prime peak may occur 
and separation of the data may be difficult.
Another factor which has been noted is that the value of the lattice 
mismatch obtained in the constrained (coherent gamma prime) condition is two- 
thirds the value of the lattice mismatch in the unconstrained condition 
(incoherent)^. Therefore the heat treatment is also important in trying to 
measure lattice mismatch since it will determine the value obtained.
Over the years, improvements have been made to basic diffracto­
meters^ >20. These improvements have helped to increase the angular 
resolution of the diffractometer. The three and four axis diffractometers 
have provided greater flexibility in translating the specimen which improves 
the alignment of the diffracting planes. The addition of single crystal 
monochromators to the diffractometer, either before or after diffraction, has 
retained the same properties as solar slits and band filters but has also 
improved the resolution of the Koc^  and Kc^ doublet such that Kct-^ can be 
separated from the doublet for diffraction work.
20
3.0 Experimental Procedure
All samples were supplied by General Electric Company Aircraft Engine 
Business Group.
3.1 Material Preparation
The compositions of the three alloys used in this project are shown in 
Table 1. A sample of each alloy was supplied in the form of a single crystal 
slab measuring 1.27 x 8.89 x 10.16 cm.
Samples of each alloy were then heat treated using the conditions shown 
in Table 2. The standard age described in this table was used to produce 
coherent cuboidal gamma prime within the gamma matrix. The heat-treatment 
corresponding to over-aging was used to produce incoherent gamma prime. In 
both heat treatments, the 1079°C ageing temperature was used so that the two 
heat treatments, i.e. standard age and over-age, were equilibrated at the same 
temperature and therefore, the lattice mismatch obtained could be compared 
between the heat treatments.
3.2 Transmission Electron Microscopy
Specimens for TEM (3 mm in diameter) were punched from a foil 
approximately 0.13 to 0.23 mm thick. The disc normals were very nearly 
parallel to the [001] crystallographic direction (growth direction). The 
foils were polished in a Fishione twin jet polisher using a solution of 400 ml 
methanol, 200 ml 2-Butoxyethanol, and 50 ml perchloric acid held at a 
temperature of -20°C to -15°C using a current of approximately 40 mA.
All microscopy of the foils was done on a Philips EM 420 microscope.
F0LZ line measurements were taken from both phases using a <114> zone axis. A 
200 yin condenser (C2) aperture and a 45 nm spot size were used.
21
Table 1
Alloy Compositions
A1 loy Ni A1 Ti Cr Co Re Ta W Mo
A w/o 77 8.5 — 10.0 — 4.5 — -- --
B w/o 63.7 5.8 1.5 8.0 7.5 3.0 5.0 4.0 1.5
C w/o 61.2 5.8 1.5 7.0 10.0 1.0 5.0 7.0 1.5
Table 2
Heat Treatment Schedule
Standard Age Over-age
1296°C/1 hr 
1310.0°C/2 hr 
1079°C/36 hr
*HeQ to RT
1296°C/1 hr 
1310°C/2 hr* 
1079°C/4 hr*
22
Dislocation identification was done using the g • f> = 0 criterion for 
several two beam conditions as well as a complete crystallographic line 
di rection analysis.
3.3 X-ray Diffraction
3.3.1 Specimen Preparation
Specimens of each alloy with each heat treatment were prepared for x-ray 
diffraction. The specimens were produced by first cementing a half inch cube 
of alloy on a goniometer stage which had all tilts initially set to zero.
Next an [100] zone axis, perpendicular to the [001] growth direction, was 
found by the back-reflection Laue x-ray technique and the zone axis orienta­
tion relative to the goniometer stage was recorded. The cube was then 
sectioned to produce a sheet approximately 0.76 mm thick with the surface 
normal parallel to the [100] zone axis. The thickness of the sheets was 
chosen such that they were sufficiently thin to fit on the goniometer yet 
thick enough for x-ray diffraction. Each sheet was then polished down to 
.05 ym alumina grit and then cemented to a glass slide to hold it in the 
diffractometer's goniometer.
3.3.2 X-ray Diffraction Procedure
A triple axis Rigaku diffractometer with a rotating molybdenum anode was
used. The difftactometer was equipped with germanium single crystals placed
before and after the specimen, replacing the solar slits and band filters.
They were positioned such that they separated the K wavelength from
al
the K doublet, a
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The procedure for initial alignment of the diffractometer began with 
positioning the proportional counter on the undiffracted main beam i.e.
26 = 0. Next, positions of the (002), (004) and (006) peaks were estimated 
from H0LZ line data. The proportional counter was positioned at the desired 
peak and a rocking curve obtained to define the most intense 9 position. This 
position was then redefined in terms of the current 29. A powder scan was 
then run and the most intense 29 position for each peak was determined and set 
for another rocking curve. Several iterations of powder scans and rocking 
curves were run until 29 and 9 were aligned. Final powder scans were run in 
increments of 0.002 or 0.004 degrees depending on the particular peak. These 
were then stored for future deconvolution.
3.4 Microchemical Analysis
3.4.1 Electron Microprobe
The dendrite arms and cores were marked with indentions from a 
microhardness tester so that the core and arms could be identified in the 
microprobe. A 22 point traverse was run across secondary dendrite arms so 
that elemental segregation could be analyzed. A wavelength dispersive 
microprobe was used to collect the x-rays for chemical analysis. The analysis 
was accomplished by first obtaining spectra from pure element standards to 
generate K ratios. Then peak intensities for each element at each point on 
the specimen were obtained. The atomic and weight percent for each element 
was then calculated using the above data and a ZAF correction factor. This 
information was then plotted for each element as a function of distance across 
the secondary dendrite arms.
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3.4.2 Energy Dispersive Spectrometry of the Phases
X-ray spectra for chemical analysis of the phases were gathered using an 
HB5 scanning transmission electron microscope (STEM) equipped with a field 
emission gun. The STEM with the field emission gun provided a much higher 
current density and a finer probe at the specimen than was possible with the 
EM 420 microscope, thus allowing for high count rates while maintaining 
sufficient spatial resolution. High count rates were necessary in order to 
obtain statistically significant intensity for weaker peaks (Re, Ta, W) 
without inordinately significantly long count times.
To provide standards for analysis, fine-grained melt spun ribbon was made 
from a portion of each single crystal alloy. In collecting spectra from the 
standards, a broad electron beam was used to scan six to twelve grains so that 
any local compositional variations would be averaged out. Fine probes were 
used to obtain spectra from the gamma and gamma prime in the single crystal 
samples. These spectra were obtained by rastering a 0.2 to 1.0 nm diameter 
probe over a 50.8 nm by 50.8 nm area for the standard age samples. For the 
over-age specimens the spectra were obtained by rastering a 0.2 to 1.0 nm 
diameter probe over a 508.0 by 762.0 nm area. Selected area diffraction 
patterns were also examined before each spectrum was obtained to ensure that a 
two beam condition did not occur. The HB5 stem was equipped with a Kevex EDS 
and multi-channel analyzer (MCA). A count time of 400 live seconds was used 
to ensure adequate data for integration of the peaks.
To begin the chemical analysis of the spectra, background profiles were 
generated and subtracted from each spectrum. The proper peak for integrating 
peak intensity was chosen for each element as well as the positioning of the 
full width at half maximum (FWHM) windows for integration. Upon completing
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this, the integrated intensities were obtained from all spectra. Next the K- 
ratios were determined for each element from the spectra generated from the 
standards. This was accomplished by solving for K in the equation
cA/cB = K(
where C^/Cg is the elemental ratio in atom percent, and 1^/Ig is the 
integrated intensity ratio. Using these K ratios, the composition of the 
gamma and gamma prime phase could be determined by assuming that the sum of 
all measured elements was 100% and solving the appropriate simultaneous 
equations.
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4.0 Results
4.1 Transmission Electron Microscopy
4.1.1 Morphology
In all alloys, the standard age heat treatment (1079°C for 4 hours) 
produced coherent cuboidal gamma prime ranging in size from 0.1 um to 0.5 ym. 
In the over-aged condition (1079°C for 36 hours), alloy A contained cuboidal 
gamma prime. No interfacial dislocations were observed indicating that the 
gamma prime was fully coherent with the matrix. Since interface dislocation 
analysis was an important part of the investigation, this alloy was not 
examined further. In the over-aged condition, both alloys B and C contained 
incoherent globular gamma prime with interfacial dislocation networks between 
the gamma and gamma prime. The gamma phase in the over-aged specimens 
contained fine cooling gamma prime which precipitated from the matrix during 
cooling from the 1079°C ageing temperature.
4.1.2 Investigation of Interface Dislocations
Analysis of the interface dislocations on the over-aged specimens was 
conducted by obtaining several two beam bright field images from four zone 
axes. Figure 6 is a schematic showing the dislocations that were in contrast 
(solid lines) and out of contrast (dashed lines) for six g vectors. This 
figure is arranged in the same orientation as figure 8. Figure 7 shows actual 
two-beam images for one set of interface dislocations. From these images a 
Burgers vector analysis was performed using the criterion that g • b = 0 
for out of contrast dislocations. For two bright field images in which the 
same dislocation is out of contrast the cross product, determines the Burgers
vector.
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Figure 6. Schematic showing the dislocations that were in contrast (solid 
lines) and out of contrast (dashed lines) for various two beam 
conditi ons.
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Figure 7. Bright field image showing the dislocations in contrast for the 
g vector shown in each photomicrograph.
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Figure 7. conti nued
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To determine the dislocation nature (i .e. screw or edge) a line direction 
analysis was performed in conjunction with the Burgers vector analysis. By 
determining the intersection of the great circles on a stereogram which 
contain the beam direction and the apparent line direction from images taken 
near two different zone axes, the true line direction is obtained. Additional 
images taken near other zone axes provide confirmation of the results.
The Burgers vector analysis revealed that all of the dislocations in the 
net shown in figure 8, were of the 1/2 <110> type. The diagonals, marked 
and D2 in figure 8 were found to be pure edge in nature (i .e. b perpendicular 
to the line direction) with <110> type line directions. The dislocations in 
the square, marked by A, B, C, E in figure 8, are also pure edge and have 
<100> line directions. These results are summarized in Table 3.
By taking the cross product of line direction and Burger's vector, the 
plane upon which the dislocation net lies can be determined. The net shown in 
figure 8 lies on the [001] plane.
These results are similar to those described by Lasalmonie and Strudel1®. 
Hexagonal nets on {111} planes were also observed; however, efforts were 
concentrated on the nets on the {001} planes, which afforded a more direct 
measurement of lattice mismatch because the crystals were cut parallel to 
{001} planes. An interesting observation is shown in figure 7, where an 
interface lying along the {110} plane is characterized by steps on {001} 
planes with the edges marked by mismatch dislocations.
4.1.2.2 Lattice Mismatch from Edge Dislocations
By measuring the spacing between the diagonal edge dislocations (i.e. 
or D2) the lattice mismatch can be determined using the equation:
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Figure 8. Interface dislocation net observed on the (001) plane. Arrows
indicate the dislocation type and lined direction as indicated in 
table 3.
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Line Directions and
Table 3
Burgers Vector for Dislocation Net
Dislocation Li ne Di recti on of
from fi gure Di recti on Burgers Vector
A [010] [101]
B [100] [Oil]
C [010] [101]
E [100] [Oil]
Dl [110] [IlO]
d2 [HO] [110]
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where: |b| is the magnitude of the Burgers vector
D is the distance between edge dislocations.
The results from this method, shown in tables 4 and 5, reveal that alloy 
B has an average lattice mismatch slightly larger than 0.32% while alloy C has 
an average lattice mismatch of slightly less than 0.29%. These results are 
from the over-aged samples only, since there were no dislocation nets in the 
standard aged specimens. Also, these are the magnitudes of the lattice 
mismatch, since the phase in which the extra half plane exists has not been 
determined. Thus, the sign of the mismatch may be determined using the HOLZ 
line technique, as described in Section 4.1.3.
4.1.3 Convergent Beam Electron Diffraction
The first order Laue zone (FOLZ) lines in the <114> zone axis patterns 
were examined as shown in figure 5. This pattern contains a single mirror 
symmetry element.
By comparing certain triangles and quadrilaterals with those in computer 
generated patterns, a lattice parameter can be assigned to the pattern. This 
is not a precise value, since some uncertainties concerning the value of 
electron wavelength exist. Therefore only differences between lattice 
parameters of the two phases can be determined accurately. From this the 
lattice mismatch can be calculated. Figures 9-12 show examples of 
experimental patterns for gamma and gamma prime from samples of alloys B and C 
in both the standard age and over-aged conditions along with corresponding
|b|/D x 100 = % lattice mismatch
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Table 4
Lattice Mismatch from Dislocation Counting for Alloy B
Distance Measured Number of Dislocations Spaces % Lattice Mismatch
1944 3 2 .2604
972 2 1 .2604
1531 3 2 .3307
2347 4 3 .3236
1531 3 2 .3307
714 2 1 .3545
2449 4 3 .3101
1429 3 2 .3545
1510 3 2 .3353
1633 3 2 .3100
1429 3 2 .3543
833 2 1 .3039
816 2 1 .3102
1837 3 2 .2756
2857 5 4 .3544
2959 5 4 .3422
2306 4 3 .3293
1592 3 2 .3180
2204 4 3 .3446
Lattice parameter 3.580 A Avg. .3212
35
Table 5
Lattice Mismatch from Dislocation Counting for Alloy C
Distance Measured Number of Dislocations Spaces % Lattice Mismatch 
A
2551 4 3 .2977
1633 3 2 .3101
1633 3 2 .3101
1667 3 2 .3038
3083 4 3 .2463
1083 2 1 .2337
Lattice parameter 3.580 A Avg. 0.2836 %
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Experimental Analytical
Gamma Prime
Gamma
Figure 9 Experimental and analytical FOLZ line patterns from the (114) pole 
for alloy B in the standard age condition. The lattice parameter 
of each phase is: gamma 3.5720 A, gamma prime 3 .5720 A. The 
lattice mismatch for this pair is 0.0%.
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Experimental Analytical
Gamma Prime
Gamma
Figure 10 Experimental and analytical FOLZ line patterns from the (114) pole 
for alloy B in the overage condition. The lattice parameter of 
each phase is: gamma 3.5840 A, gamma prime 3.5765 A. The lattice 
mismatch for this pair is -0.21%.
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Experimental Analytical
Gamma Prime
Gamma
Fiqure 11 Experimental and analytical FOLZ line patterns from the (114) pole 
for alloy C in the standard age condition. The lattice parameter 
of each phase is: gamma 3.5825 A, gamma prime 3.5810 A. me 
lattice mismatch for this pair is -0.04%.
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Experimental Analytical
Gamma Prime
Gamma
Figure 12 Experimental and analytical FOLZ line patterns from the (114) pole 
for alloy C ‘in the overaged condition. The lattice parameter of 
each phase is: gamma 3.5855 A, gamma prime 3.5775 A. The lattice 
mismatch for this pair is 0.22%.
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computer generated patterns. The lattice mismatch can be determined by 
assigning lattice parameters to the experimental patterns and using the 
formula
— ----- — x 100 = % lattice mismatch
a Y
where: a^i = lattice parameter of the gamma prime
a^ = lattice parameter of the gamma
Tables 6 and 7 show some of the results obtained using this method. In 
the standard age condition, alloy B has a lattice mismatch that ranges from 
0.0 to -0.12% with an average of -0.04%. Alloy C ranges from 0.0 to -0.06% 
with an average of -0.01%. For the over-aged condition alloy B ranges from 
-0.15% to -0.38% with an average of -0.20%. Alloy C ranges from 0.0 to -0.28% 
with an average of -0.24%.
In both the standard age and over-aged condition, there is a large spread 
in the data. This spread may be due to two phenomena: lattice distortions and 
chemical segregation during solidification. Kaufman et al. have shown that 
lattice distortions can be produced in a phase in contact with another which 
has a higher modulus of elasticity and different coefficient of thermal 
expansion. They have examined this phenomenon in a directionaly solidified 
y/y ‘/<*-Mo alloy in which the a-Mo rod has the smaller coefficient of thermal 
expansion. The a-Mo rod is surrounded by gamma prime. During cooling, the 
gamma prime contracts more than the ct-Mo rod. Since the two phases are in 
contact, this shrinkage produces distortions in the gamma prime unit cell in a 
direction parallel to the interface. This breaks the symmetry in the
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Heat
Treatment
SA
SA
SA
SA
SA
OA
OA
OA
OA
OA
OA
OA
OA
OA
OA
OA
OA
OA
OA
OA
OA
OA
Lattice
Table 6
Mismatch from CBED for Alloy B
Lattice Latti ce
Phase Parameter Mismatch
Y* 3.5720
Y 3.5720 0.0%
Y1 3.5780*
Y1 3.5810
Y 3.5835 -0.116%
Y1 3.5810
Y 3.5810 0.0%
Y1 3.5795
Y 3.5795 0.0%
Y1 3.5705
Y 3.5795 -0.25%
Y* 3.5765
Y 3.5840 -0.209%
y ' 3.5710
Y 3.5770 -0.168%
Y1 3.5707
Y 3.5850 -0.224%
Y1 3.5795*
y ' 3.5770
Y 3.5835 -0.147%
y ' 3.5705
Y 3.5840 -0.376%
Y' 3.5690
Y 3.5810 -0.335%
42
Latti ce
Table 7
Mismatch from CBED for Alloy C
Heat Lattice Lattice
Treatment Phase Parameter Mi smatch
SA Y1 3.5795
SA Y 3.5780 +0.04%
SA Y1 3.5810
SA Y 3.5825 -0.04%
SA y ' 3.5795
SA Y 3.5775 +0.056%
SA Y* 3.5795
SA Y 3.5795 0.0%
OA Y1 3.5780
OA Y 3.5835 -0.153%
OA Y1 3.5780
OA Y 3.5835 -0.153%
OA Y* 3.5775
OA Y 3.5855 -0.223%
OA Y1 3.5735
OA Y 3.5835 -0.279%
OA Y* 3.5735
OA Y 3.5835 -0.279%
OA Y* 3.5735
OA Y 3.5835 -0.279%
43
patterns. Differences in thermal expansion coefficients between the gamma and 
gamma prime should give rise to a similar effect in the alloys under 
investigation in this study. Coherency strains which arise during cooling 
tend to be accommodated by the lower elastic modulus gamma prime phase, 
resulting in lattice distortions in this phase.
Another factor that may contribute to scatter in the data is the cooling 
gamma prime found primarily in the over-aged specimens, which precipitates from 
solution as the temperature drops, possibly producing distortions in the gamma 
phase as well as producing coherency strain. HOLZ line lattice parameters 
taken from areas devoid of cooling gamma prime (adjacent to larger gamma prime 
particles) and in the vicinity of the precipitates yielded similar results.
Thus these fine gamma prime precipitates do not appear to have significantly 
affected the results from the gamma phase lattice parameter measurements.
In many of the FOLZ lines taken from the gamma phase, lattice distortions, 
as well as broadened lines, were observed. It was difficult to determine 
lattice parameters from these distorted patterns. Figure 13 shows a typical 
distorted pattern typical of those recorded from the gamma phase. In examining 
the data, it can be seen that there are upper and lower distributions of 
lattice mismatch. Values in the upper distribution were calculated from 
distorted patterns by assigning a lattice parameter to each half of the FOLZ 
line pattern, which would have mirror symmetry if undistorted. The two values 
were then averaged to obtain the lattice parameter for the phase. The lower 
distribution came from FOLZ patterns which showed smaller or no lattice 
distortion, and averaging was not as difficult.
Although chemical segregation from solidification can also produce scatter 
in the data, by causing local variations in lattice parameter, care
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Figure 13 Experimental HOLZ line patterns from the (114) pole for alloy C 
showing both gamma prime (upper figure) and the distorted gamma 
pattern. This distortion is due to tetragonal distortions in the 
gamma phase.
45
was taken to ensure consistency of data by examining only dendrite-core 
regions. Chemical segregation effects will be discussed in more detail in 
Section 4.3.1.
4.2 X-ray Diffraction
In studying the X-ray results, it is important to note that the 
information was acquired from a larger volume of the sample than with the 
previous techniques. Also, data were accumulated from the interdendritic and 
intradendritic regions and this will lead to a broadening of the X-ray 
diffraction peaks due to a wider range in lattice parameters in addition to 
broadening introduced by coherency strains. Figures 14 and 15 show typical 
diffraction peaks taken from the (004) peak of alloy B in the standard age and 
over-age conditions. As noted in these figures, the dots represent the 
experimental data while the continuous lines represent the analytical curves 
obtained from peak separation.
Deconvolution was accomplished using a numerical multiple Gaussian fitting 
technique. Initial estimates of peak height, peak position and standard 
deviation (full width at half maximum) were entered for both phases. The 
computer program allowed all three variables to be varied in order to make the 
best fit to the experimental data.
Figures 14 and 15 show representative peaks acquired in this 
investigation. The smallest peak is from the gamma phase while the largest 
peak is from gamma prime. This observation is consistent with the volume 
fractions of each phase in the alloy. The gamma peaks in the standard age 
specimens were found to be much broader than in the over-aged specimens due to 
the increased coherency strains between the coherent gamma prime and the 
matri x.
CD
Figure 14 The (004) x-ray diffraction peak from alloy B in the standard age 
condition. The dots are the experimental data and the other peaks 
are as indicated.
Figure 15 The (004) x-ray diffraction peak from alloy B in the over-age
condition. The dots are the experimental data and the other peaks 
are as indicated.
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Tables 8 and 9 show the results of the separation of the (002), (004) and 
(006) peaks. In the standard age condition, considerable scatter is found 
between data taken from different peaks, i.e. (002) and (006). This was due to 
the better separation of the gamma and gamma prime maxima in the (004) and 
(006) diffraction peaks. As higher Bragg angles were used (i.e. higher peaks, 
(004) and (006)) the peaks for each phase were separated to a greater extent. 
Since coherency strain was higher in the standard age specimens the (002) peaks
i
of the two phases tended to overlap, making peak separation difficult. This is 
seen in figure 16. Also the lattice mismatch is smaller in the standard age 
specimens. Therefore, the (004) and (006) peaks should be used for a more 
accurate evaluation of the lattice mismatch between the two phases in the 
standard age condition. In the over-aged specimens, more consistency was found 
between the (002), (004) and (006) because peak separation was easier due to 
the smaller coherency strain and larger lattice mismatch involved.
In comparing the two alloys in the standard age condition, alloy C shows a
slightly larger mismatch than alloy B. In this condition alloy C had a -0.09%
lattice mismatch and alloy B had a mismatch of -0.04%. In the overage 
condition, alloy C had a lattice mismatch of -0.18% while alloy B had a lattice 
mismatch of -0.17%.
4.3 Microchemical Analysis 
4.3.1 Electron Microprobe
An electron microprobe investigation was conducted to determine the 
amount of segregation in these single crystal castings and the effectiveness of 
the heat treatments in homogenizing the alloys. Figures 17 and 18 show the
micro-indentions and traverse direction for each alloy. Figures 19 and 20 show
the results of a 22 point traverse for alloys B and C.
Figure 16 Die (002) x-ray diffraction peak from alloy B in the standard age condition.
The dots are the experimental data and the solid lines as indicated are from 
the deconvolution program. Comparison with Figure 14 ((004) peak) shows the 
amount of overlap that occurs in the (002) peak. Also broadening in the gamma 
peak can be seen when compared to figure 16.
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Table 8
Latti ce Mi smatch as Determined from X-ray Diffraction for Alloy B
Heat Peak Lattice Parameters Latti ce
Treatment y 'a yA Mismatch (%)
SA 002 3.5863 3.5899 -0.0995
SA 004 3.5862 3.5875 -0.0385
SA 006 3.5855 3.5870 -0.0438
OA 002* 3.5872 3.5930 -0.1601
OA 002 3.5876 3.5925 -0.1385
OA 002* 3.5877 3.5933 -0.1558
OA 002 3.5874 3.5932 -0.1601
OA 004* 3.5851 3.5919 -0.1904
OA 004 3.5849 3.5918 -0.1925
OA 006 3.5843 3.5910 -0.1882
Note :
SA Standard Age 
0A Overage
* These are the sa'ne experimental peaks but with different estimates of 
the variable to fit the experimental peak.
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Table 9
Lattice Mismatch as Determined From X-ray Diffraction for Alloy C
Heat Peak Latti ce Parameters Latti ce
Treatment y 'a Y& Mi smatch
SA 002 3.5897 3.5938 -0.1126
SA 004 3.5881 3.5921 -0.1091
SA 006 3.5872 3.5898 -0.0711
SA 006* 3.5871 3.5900 -0.0806
OA 002* 3.5883 3.5936 -0.1472
OA 002* 3.5882 3.5944 -0.1731
OA 004 3.5883 3.5945 -0.1723
OA 006. 3.5875 3.5945 -0.1956
OA 006 3.5873 3.5941 -0.1884
Notes :
SA Standard Age 
OA Overage
These are the same experimental peak but different estimates of the 
variables to fit the experimental peak
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Figure 17 Optical dark field photomicrograph of alloy B showing the 
indentions, the dendritic core, and the traverse directioi 
microprobe.
mi cro- 
i of the
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Fiqure 18 Optical dark field photomicrograph of alloy C showing the micro- 
indentions, the dendrite cores and the traverse direction in the 
mi croprobe.
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Figure 19 These graphs show the microprobe results for each element in alloy 
B. Compositions are in atomic percent. The core is in the center 
of the diagram as shown while the arms are to each end. 'he 
distance between the end points or the ends of the arms is 420 
mi crons.
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Figure 19 continued
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Fiqure 20 These graphs show the microprobe results for each element in alloy 
C. Composition is in atomic percent. The core is in the center 
of the diagram as shown while the arms are to each end. 
distance between the end points or the ends of the arms is 380 
mi crons.
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Figure 20 continued
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In alloy B, the Ti and Ta show some segregation to the inter-dendritic 
regions while the intradendritic regions are slightly enriched in W and Re.
In alloy C, only W showed any appreciable segregation, concentrating in the 
intradendritic region. The Re in alloy C was distributed more homogeneously 
than in alloy B.
From this study, the alloys were considered to be homogeneous with slight 
segregation near the interdendritic regions.
4.3.2 Energy Dispersive Spectrometry of the Phases
A comparison was made between the compositions of the gamma and gamma 
prime for the two heat treatments for each alloy to determine if there is any 
adjustment in phase compositions between coherent and incoherent gamma prime 
equilibrated at the same temperature. Tables 10 and 11 show the results of 
this investigation for alloys B and C respectively. The first column shows 
the nominal composition of each alloy in atomic percent. These values were 
used for the composition of the standards in calculating the K ratios. The 
second column is from the standard age and the third column is for the over­
aged condition and within each of the last two columns is the composition of 
the gamma and gamma prime.
For both alloys, no significant change in composition for either phase 
was noted with change in the gamma prime morphology (coherent versus 
incoherent). Based upon these data, it was concluded that no appreciable 
adjustments in elemental partitioning accompanies the loss of coherency of the 
gamma prime precipitates.
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Table 10
Energy Dispersive Spectrometry Results for Alloy B
Standard Age Overage
Nomi nal 
Composition
Gamma
Prime
Gamma Gamma
Prime
Gamma
A1 12.69 18.78 9.00 19.87 9.41
Ti 1.85 2.48 0.64 2.47 0.63
Cr 9.08 3.29 17.83 3.03 17.23
Co 7.52 4.95 10.80 4.87 10.72
Ni 64.07 66.61 55.98 65.75 55.84
Re 0.95 0.14 2.05 0.13 2.31
Ta 1.63 2.29 0.43 2.30 0.50
W 1.29 1.00 1.58 1.13 1.81
Mo 0.92 0.46 1.55 0.45 1.54
All values in atomic percent
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Table 11
Energy Dispersive Spectrometry Results for Alloy C
Standard Age Overage
Nomi nal 
Compositi on
Gamma
Prime
A1 12.80 14.12
Ti 1.86 2.40
Cr 8.01 3.58
Co 10 .10 7.85
Ni 62.06 67.35
Re 0.32 0.14
Ta 1.65 1.99
W 2.27 1.96
Mo 0.93 0.48
All values are in atomic percent
Gamma Gamma
Prime
Gamma
6.82 13.47 7.07
0.69 2.42 0.74
16.52 3.30 16.37
14.65 7.78 14.63
55.22 68.36 54.99
0.70 0 .1 2 0.78
0.60 2.10 0.59
3.07 1.99 3.14
1.69 0.45 1.66
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5.0 Discussion
The discussion is divided into two sections: the first dealing w i o h
differences between the techniques for measuring lattice mismatch and the 
second considering the significance of metallurgical factors affecting lattice 
mismatch results.
5.1 Discussion of Results from the Different Techniques
It must be kept in mind that all of the measurements of lattice mismatch 
were performed at room temperature and, therefore, smaller values are expected 
than if the lattice mismatch was taken at the 1079°C aging temperature. This 
is due to two properties of the alloys, the first being negative lattice 
mismatch, i.e. aY.< ay , and the second being the larger coefficient of thermal 
expansion of the gamma phase. Thus, the lattice mismatch values measured 
using these techniques are generally representative of room temperature and 
not of the 1079°C ageing temperature. As will be discussed below, this is not 
the case for the dislocation analysis technique.
In evaluating the CBED technique for measuring the lattice mismatch, it 
can be concluded that extreme care must be used in inspecting the HOLZ lines 
due to such phenomena as lattice distortion and/or line broadening in the 
pattern. As pointed out in Section 4, trying to average these effects can 
lead to a spread in the data. In the standard age case, where a considerable 
amount of strain exists in the alloy, especially in the gamma phase, the 
position of the FOLZ lines is difficult to determine because they are very 
broad or diffuse. This can lead to a significant amount of error, especially 
when the actual mismatch in these alloys is small, because a small shift in 
the lines can result in a significantly different lattice parameter
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being assigned to the phase. Also, there can be lattice distortions which 
make the unit cell non-cubic as seen in the results for the over-aged 
specimens. This leads to another source of error in trying to measure lattice 
mismatch. As seen in Section 4, attempts to assign average lattice parameters 
to these distorted pattern results in mismatch values higher than those 
measured from undistorted patterns. This distortion may be occurring in the 
standard age specimens as well, but is most likely hidden in the diffuse 
pattern where the lines are broad. Additionally, as mentioned in the 
Background section, surface relaxation in the foil can contribute as a source 
of distortion in the HOLZ lines. Although no specific evidence from this 
investigation points to this as being a source of error it could be 
contributing to the overall distortion in the HOLZ line patterns.
Also, a consistent choice of regions in the material is necessary if 
segregation occurs in the alloy. Overall, the technique has a high degree of 
scatter and therefore a large number of patterns must be collected and 
analyzed for accurate determination of the lattice mismatch.
The X-ray diffraction technique for measuring lattice mismatch involves 
less decision making, but it gives an average value for the bulk material and 
therefore does not give the information about local lattice mismatch that CBED 
can provide. Between these two techniques the results are comparable but, as 
mentioned previously, care must be used in interpreting the HOLZ line 
patterns.
In the interface dislocation analysis technique, a larger mismatch is 
measured than for either the CBED or X-ray diffraction analysis. It is 
tempting to speculate that the dislocation nets are equilibrated at the 1079°C 
temperature and then "frozen in" during cooling to room temperature.
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Therefore, dislocation analysis will not give the same results as the first 
two techniques, because it appears to measure a different quantity.
This assumption was checked with a crude calculation based on the work of 
Grose and Ansell5 for a quaternary alloy, where the coefficients of thermal 
expansion for the two phases are:
a , = 1.32 x 10-5/°C
Y
a = 1.48 x 10-5/°C
Y
From the CBED technique, the room temperature lattice parameters in alloy B 
were determined to be:
a^, = 3.5765 A 
ay = 3.5840 A
The room temperature lattice mismatch of alloy B was measured as -0.21% in the 
over-aged condition. With a temperature difference of 1037°C, the lattice 
parameter for the phases at the 1079°C temperature should be
a , = 3.6255 A 
Y
ay = 3.6390 A
giving a lattice mismatch of -0.37%. This value is comparable to the -0.32% 
value for lattice mismatch obtained from the interface dislocation analysis 
technique. This simple calculation is expected to over-estimate the high 
temperature lattice mismatch because it uses coefficients of thermal expansion
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from quaternary alloys. In more complex alloys, such as alloy B, the 
additional elements would be expected to reduce the difference between the 
coefficients of thermal expansion of the two phases. This may explain the 
slight difference between the measured and calculated values for the 1037°C 
lattice mismatch. Therefore, it is concluded that interface dislocation 
analysis is a good technique for measuring at room temperature the lattice 
mismatch corresponding to those at given higher temperatures.
In examining the lattice mismatch data measured from CBED and x-ray
diffraction, a difference is observed between the constrained and
unconstrained conditions. This difference has also been observed in alloys
investigated by Grose et al where they found that the constrained lattice
mismatch was smaller than the unconstrained lattice mismatch, although the
difference between the two is temperature dependent. In the alloys
investigated here the constrained lattice mismatch is a factor of between 0.5
and 0.67 smaller than the unconstrained value. Grose et al calculated the
• • 5constrained mismatch to be 0.67 times that for the unconstrained condition .
5.2 Discussion of Metallurgical Aspects
When examining the lattice mismatch between the standard-age 
(constrained) and the over-aged (unconstrained) conditions the physical 
metallurgical aspects of each must be examined closely, especially when these 
alloys contain 60 to 70% gamma prime. In the standard age condition the gamma 
prime is coherent with the matrix and, with such a high volume fraction of 
gamma prime, the strain placed on the matrix is considerably high. This 
strain can be seen in both the CBED patterns and the x-ray diffraction peaks 
where peaks and lines are much broader for the gamma phase. Since the
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distance between the gamma prime particles is less than 0 .1 pm it is likely 
that the gamma matrix never attains its strain free (equilibrium) lattice 
parameter. Therefore, in measuring the lattice mismatch in the standard-age 
condition, the value that is experimentally obtained for the gamma is a 
constrained lattice parameter. Thus, the lattice mismatch measured in the 
constrained condition is not the equilibrium value, but a constrained lattice 
mismatch. Measuring the lattice parameters in the over-aged condition is the 
more accurate way of determining the equilibrium lattice mismatch. In this 
condition, the physical size of the gamma prime is much larger than in the 
case of the standard age. When the gamma prime particles are large, the 
distance between them also increases and therefore the gamma lattice may 
achieve its strain free or unconstrained lattice parameter. Also, the lattice 
mismatch is accommodated by the interface dislocations in the unconstrained 
condition localizing the strain between the two phases.
It is interesting to consider how this change in gamma prime morphology, 
from coherent to incoherent, might affect the elemental partitioning between 
the two phases. It is conceivable that the compositions of the phases might 
adjust to lower the inherent lattice mismatch. This was not found to be the 
case, however. The elemental partitioning between the gamma and gamma prime 
phases was found to be essentially identical for both the standard age and 
over-age conditions. This finding also confirims that the chosen heat 
treatments were successful in equilibrating the alloys at the 1079°C ageing 
temperature. It can be concluded, therefore, the difference in measured 
lattice mismatch between the two conditions represents a high degree of 
coherency strain in the standard (age) specimens.
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Tnis difference between lattice mismatch values measured for constrained
and unconstrained conditions is important when one attempts to correlate
mismatch with mechanical properties of the alloy. For example, rafting is
26 37
reportedly enhanced in more negative lattice mismatch alloys. * 
lattice mismatch from the constrained condition considered, it may be 
determined that the alloy will not raft readily whereas using the constrained 
lattice mismatch value a high propensity for rafting might be predicted. The 
unconstrained lattice mismatch is probably the more useful quantity when 
considering mechanical properties, since it is a measure of the driving force 
for morphological changes in the gamma prime distribution during high 
temperature exposure. The dislocation analysis technique can provide a 
lattice mismatch measurement which is representative of the temperature at 
which the specimen was aged. The high temperature lattice mismatch can also 
be calculated from the room temperature value by considering the differential 
thermal expansion between the phases, as shown above. Thus, x-ray diffraction 
or HOLZ line techniques (when applied carefully) can also provide measurements 
of high temperature lattice mismatch.
Another aspect of investigation was to examine the effect of Re on the 
lattice mismatch in these alloys. No effect was observed, even though there 
was a 2 w/o difference in Re content between these alloys. The reason for 
this could be due to the additional 3 w/o W that alloy C contained over alloy 
B. W can effectively change the lattice parameter of each phase, as well as 
influence the partitioning of the other elements. This could significantly 
affect the lattice mismatch between the two phases nullifying the effect of 
Re.
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6.0 Conclusions
In this study three techniques were used to measure the lattice mismatch 
of y and y ' in two alloys, each of which had two different ageing heat 
treatments, i .e. standard age and over-aged. These alloys contained different 
Re contents so that the effect of this element on lattice mismatch could be 
investigated. The techniques used for measuring lattice mismatch were: 
x-ray diffraction, convergent beam electron diffraction and interface 
dislocation analysis. Additionally, the electron microprobe was used to 
examine bulk homogeneity and a scanning transmission electron microscope 
equipped with a field emission gun and a Kevex EDS system was used to examine 
phase compositions for both heat treatments. From this work, the following 
conclusions can be made.
1. The use of a triple axis x-ray diffractometer and the computer assisted 
deconvolution techniques allows determination of lattice mismatch smaller 
than 0 .2%.
2. Convergent beam electron diffraction technique for measuring lattice 
mismatch yields comparable results to those of x-ray diffraction if care 
is taken in examining the HOLZ patterns.
3. The lattice mismatch measured using x-ray diffraction shows that the 
standard age (constrained) value is approximately 0.5 to 0.67 times that 
of the over-aged (unconstrained) condition which is comparable to other
work.
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4 . The difference in the measured lattice mismatch values for x-ray 
diffraction, CBED, and interface dislocation analysis techniques can be 
accounted for by the fact that the interface dislocations are in their 
equilibrium positions for the 1079°C ageing temperature, while the other 
two techniques measure the room temperature lattice mismatch. Therefore 
interface dislocation analysis is a good technique for measuring the high 
temperature lattice mismatch.
5. Interface dislocation analysis could provide another way to measure the 
differences in thermal expansion coefficients between the gamma and gamma 
prime when the specimens are equilibrated at the same temperature.
6 . It is believed that the value of lattice mismatch measured in the over­
aged (unconstrained) condition is more representative of the equilibrium 
value while the lattice mismatch measured from the standard age specimens 
represents the constrained value (in high v/o gamma prime alloys).
7. Because of the difference in the W content between alloy B and C no 
observable difference in lattice mismatch due to Re was observed.
8 . No difference in elemental partitioning between the gamma and gamma prime 
phases was observed for the standard versus the over-age specimens.
Thus, the difference between the over-aged (unconstrained) and standard 
age (constrained) condition represents a high degree of coherency strain 
in the standard age specimen.
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